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Deformation and fracture behaviour of 
niobium-lO at % vanadium alloy with hydrogen 

K. J A G A N N A D H A M  
Materials Science and Engineering, North Carolina State University, Ra/eigh, 
North Carolina 27695- 7916, USA 

The results of a systematic study of deformation and fracture behaviour of niobium-10 at % 
vanadium alloy with or without a nominal 200p.p.m. wt% hydrogen and deformed in tension 
are presented as function of orientation and two testing temperatures; 195 and 295 K. Single 
crystals, large and small grain size polycrystals are used to determine the mechanisms of 
hydrogen embrittlement. Metallographic observations using both optical and scanning electron 
microscopy of the surface features associated with deformation and fracture behaviour of this 
alloy containing hydrogen are illustrated. In particular, the relationship between slip, twinning 
and cracks is described. Furthermore, the reasons for the relatively large ductility associated 
with niobium rich alloys in comparison with other Nb-V alloys are put forward. Discrete 
dislocation analysis of the models of twinning is used to substantiate the ideas presented on 
the effect of hydrogen on the nucleation of twins and cracks in this alloy. 

1. Introduct ion 
The mechanical behaviour of body centred cubic 
refractory alloys, in particular of the niobium- 
vanadium system, has been studied extensively as 
these alloys can be easily fabricated and also possess 
desirable mechanical properties [1-10]. In addition, 
the tendency for embrittlement in the presence of 
hydrogen in these alloys, coupled with high hydrogen 
solubility has aroused considerable interest. Many 
interesting experimental results are obtained which 
illustrate the effect of hydrogen on the mechanical 
properties of polycrystalline niobium-vanadium 
alloys [4-10]. However, there has been no systematic 
study using single crystals of Nb-V alloy in a manner 
similar to the results obtained in niobium single 
crystals [I 1-24]. In particular, while the tendency for 
embrittlement is very high for alloys of various com- 
positions of niobium-vanadium system, niobium rich 
alloys containing vanadium over a smaller percentage 
range offer better resistance [10] in the presence of 
hydrogen. 

Barring the situation of anomalous slip observed in 
ultra-high purity single crystals with the tensile axis 
oriented close to 0 0 1 pole [14-17], the crystallographic 
nature of slip in niobium may be summarized [11-17] 
by stating that above liquid nitrogen temperatures, 
slip confines to the highly stressed (1 1 2) type planes 
for orientations close to 00 1; to the (1 0 l) type planes 
for centre triangle orientations and to the (2 1 1) or 
(3 1 2) type planes for orientations close to the 0 1 1- 
i 1 1 boundary. However, at lower temperatures, as 
a result of twinning-antitwinning asymmetry [18], 
deformation twinning becomes favoured for orienta- 
tions close to 0 0 1 in tension and for orientations near 
the 0 1 1-1 1 l boundary in compression, with the 
operating twinning system being the most highly 
stressed. 
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In the past, it has been shown that twinning is a 
common feature of deformation in many niobium- 
vanadium alloys in the polycrystalline form subjected 
to tension at lower temperatures [6-10]. On the other 
hand, twinning is conspicuously absent in niobium- 
rich vanadium alloys at the same temperatures. 
Further, it is also argued that irradiation defects and 
elements such as oxygen and nitrogen that occupy 
interstitial positions suppress twinning [9, 25] while 
the presence of hydrogen increases the tendency for 
twinning [26, 27] as noted from the increase in the 
temperature at which twinning is observed. 

This paper presents results of mechanical tests car- 
ried out in tension at two different temperatures (295 
and 195K) on single crystals and large grain size 
polycrystals of niobium rich vanadium alloys (8- 
10at % vanadium) with high hydrogen solid solubil- 
ity. This is the first systematic study of deformation 
and fracture behaviour exhibited by a hydrogen- 
embrittled niobium-vanadium alloy under tension as 
a function of orientation of the crystal and also 
attempts to provide the reasons for the higher ductility 
exhibited by the niobium-rich alloys in the presence of 
hydrogen. Also, it becomes possible to determine 
whether hydrogen introduces twinning, either by 
increasing the frictional stress to slip or by increasing 
the tendency for nucleation of cleavage cracks which 
inturn produce stress concentration high enough for 
twinning to take place. The results of a few tensile tests 
carried out on polycrystalline small grain size samples 
charged with different weight percentages of hydrogen 
are also presented. The presence of intergranular frac- 
ture in this alloy with hydrogen in solid solution is 
discussed in the light of these results. Since grain 
boundary cracks are easily nucleated in higher vana- 
dium alloys in the presence of hydrogen [10], it 
becomes possible to propose a unifying idea on the 
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weakening of grain boundaries as a result of distortion 
introduced by trapping of hydrogen near vanadium 
atoms. 

2. Experimental procedure 
Niobium and vanadium (5.74wt %) of the electron 
beam melted purity were combined by arc melting 
in an argon atmosphere to make a niobium-10at % 
vanadium alloy. Several attempts were made to make 
a single crystal of this alloy by the electron beam float 
zone technique. However, invariably most of the vana- 
dium in the alloy is depleted in the vapour form due 
to high vapour pressure of vanadium at the melting 
point of this alloy [28]. Hitherto, other techniques 
such as strain annealing have been only partially suc- 
cessful and require further improvement. On the other 
hand, sufficiently large polycrystals with grain size as 
large as 1 cm x 0.5 cm x 0.5 cm have been produced 
by the following method. The alloy is placed in a water 
cooled copper boat and an arc is passed over it at a 
critical speed of approximately 1/4 inchh -~ in an 
argon atmosphere with a positive pressure maintained 
so that vanadium does not vapourize. The method 
being perfected in the present stage depends in an 
unknown manner on several parameters involved, 
such as speed at which the arc is moved, depth of the 
copper boat or the thickness of the alloy bulk being 
melted and power input into the system. However, it 
is believed that the very high temperature gradient 
between the molten alloy at the top and the water 
cooled copper boat at the bottom provides the driving 
force for the large grain growth observed. The positive 
pressure of argon atmosphere maintained during 
melting as well as during production of large grain size 
material was found to limit vanadium loss to no more 
than 1 wt %. 

A very important aspect of making crystals of this 
alloy is that the formation of microscopic cavities 
could not be prevented completely. Through several 
attempts to eliminate the formation of cavities in the 
alloy, it was found that the difference in the density of 
the melt and the solid phase was responsible for 
formation of microscopic cavities [29]. Slices of the 
alloy, cut from large grain size bulk were used to make 
specimens which could be pin loaded in tension. Scan- 
ning electron microscopic examinations did not show 
the presence of any cavities on the fracture surfaces of 
this alloy. In order to avoid the possibility of failure 
of the specimens near the pin holes during testing, 
deformation was introduced in the grip region of the 
specimens by compression. Subsequently, the surfaces 
were ground to 600 grit and the specimens electro- 
polished in 6 vol % sulphuric acid in methanol at tem- 
peratures below - 50 ° C. Further, the specimens were 
annealed near 1300°C for 3h to recrystallize and 
introduce a smaller grain size in the region of the grips 
so that when charged with hydrogen and loaded in 
tension, plastic deformation is confined to the gauge 
length. A few specimens with threaded ends and 
square milled cross-section in the gauge length were 
also made without altering the grain size in the grip 
region. 

In order to analyse the crystallographic nature of a 
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slip or a twin system and a crack plane, X-ray back 
reflection Laue pictures of two perpendicular surfaces 
were taken for each grain in the specimen and 
analysed to determine the exact angular rotation 
required to obtain the stereographic projection of 
orientation of one surface from that of the other. This 
enabled the subsequent two-surface trace analysis of 
the surface features so that slip, twin or crack plane 
could be determined without ambiguity [30, 31]. 

Hydrogen charging of the tensile specimens was 
started by preheating the samples to 1000°C under 
vacuum of 10 7 torr in a tube furnace and cooling it 
after 10 min to 850 ° C. The furnace was isolated from 
the external vacuum pump and opened to hydrogen 
generated from thermal decomposition of uranium 
hydride at a predetermined pressure. The samples 
were then maintained for nearly 3 h at 850°C in the 
hydrogen atmosphere and subsequently the power 
input to the furnace was shut off and the samples 
cooled to room temperature. A hydrogen concentra- 
tion of nominally 200 p.p.m, wt was aimed for charg- 
ing all specimens except in a few special ones. The 
samples were subsequently analysed at the end of 
tensile testing using chemical analysis for vanadium 
and vacuum fusion analysis for oxygen, nitrogen and 
hydrogen. 

The quantity of oxygen by weight in all the speci- 
mens was found to be 170 _+ 30p.p.m., while that of 
nitrogen has been determined to be 40 _+ 10p.p.m. 
The concentration by weight of hydrogen was found 
to be 100p.p.m. in Samples 1 to 4, 150p.p.m. in 
Samples 5 to 8 and 180 p.p.m, in Samples 9 to 13. On 
the other hand, the wt % of vanadium in all samples 
was found to be near 4.5 +_ 1.5%. A special mention 
of the analysis of Specimens 4, 6 and 8 is useful for 
subsequent discussion. In particular, Specimen 4 con- 
tained 73p.p.m. hydrogen, 150p.p.m. oxygen and 
47 p.p.m, nitrogen; Specimen 6 contained 130 p.p.m. 
hydrogen, 200p.p.m. oxygen and 43 p.p.m, nitrogen 
and Specimen 8 contained 185p.p.m. hydrogen, 
260p.p.m. oxygen and 53p.p.m. nitrogen, all by 
weight. Specimens 15 and 16 were not charged with 
hydrogen and hence no vacuum fusion analysis was 
carried out. A few specimens (2, 3, 13 and 14) were 
mechanically polished on 600 grit and further electro- 
lyrically polished below - 5 0 ° C  in 6 vol % methanol 
containing sulphuric acid after charging with hydro- 
gen at a nominal 200p.p.m. wt %. These specimens 
were tested in tension to observe any difference in 
deformation and fracture behaviour that may have 
resulted due to the removal of excess hydrogen present 
in the vicinity of the surface. 

Mechanical testing of the specimens was carried out 
on a screw driven floor model of an Instron machine 
at a cross-head speed of 0.005 inches min 1 or a strain 
rate of 0.83 x 10 4 sec-1 and the load-elongation 
curves were recorded on a chart. In order to minimize 
the effect of grain boundaries and the introduction of 
accommodation slip in adjacent grains, the specimens 
were deformed initially just above the yield point 
and unloaded for determination of the crystallographic 
nature of the deformation that took place well within 
the grains. It has been found that, except in a few 
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Figure 1 The stress against strain curves obtained for 
three typical specimens representative of all the other. 
Specimen 4 failed in a brittle manner, Specimen 3 
elongated continuously with very little work hardening 
while Specimen C~ has been unloaded after inferring 
the formation of a crack. 

situations, slip has never been observed at the grain 
boundaries in this alloy, presumably because the 
grains were very large in size and hence very little 
constraint is exerted due to the neighbouring grains. 
Subsequently, the specimens were strained at the same 
strain rate as earlier until a return of the load-elonga- 
tion curve or a sharp drop in the load was noticed 
from which the formation of a crack was inferred and 
latter further confirmed with metallographic observa- 
tions. At times, the specimens failed without any 
noticeable deformation leading to an extreme brittle 
behaviour, as illustrated by the engineering stress 
against strain curves shown in Fig. 1. 

The observation of slip lines, twins and cracks on 
the four perpendicular surfaces of the specimen was 
carried out using both optical microscopy in the DIC 
(differential interference contrast) method and scan- 
ning electron microscopy in the secondary electron 
emission method. Plastic deformation behaviour due 
to twinning was subsequently identified by electro- 
polishing and chemically etching the specimens. In 
addition, the fracture surface on both faces of the 
crack has also been observed using the secondary 
electron emission method in order to characterize the 
fracture behaviour. The accuracy of the results plotted 
on a stereographic projection was only better than 5 to 
6 ° due to several factors that limited gaining more 
accurate data. For example, the distortion of the sur- 
faces due to plastic deformation, the rounding of the 
specimen edges during electropolishing, at times the 
wavy nature of the slip, to some extent the difficulty in 
orienting the surface of the grains perfectly normal to 
the X-ray beam and the charts which were not com- 
pletely perfect for analysis, were the factors contribut- 
ing to the afore mentioned limited accuracy of the 
results. At this point, it is useful to note that there is 
enough evidence in the literature to suggest that slip in 
bcc metals takes place on high index complex planes 
[19] and thus any deviation of the observed slip planes 
from the standard {l 10} or {1 12} type slip planes 
may not be a result of inaccuracy in the analysis. 

The usefulness of employing large grain size speci- 
mens to determine the deformation and fracture 
behaviour of single crystals may be judged by the 
concurrence of the results obtained from several 
grains. The validity of the data was checked by testing 
several large grain size specimens and the results 

presented below are useful to prove that within a 
very small scatter, plastic deformation and fracture 
behaviour of all crystals as a function of orientation is 
consistent. In the past, other authors [32] have carried 
out similar experiments using large grain size speci- 
mens and obtained useful results on the twinning 
behaviour in bcc alloys. 

3. Experimental observations 
In this section, results of tests carried out on single 
crystals and large grain size polycrystals are men- 
tioned first, followed by the results of those obtained 
from polycrystalline small grain size specimens. The 
nomenclature used in specifying the crystals and the 
grains should be followed carefully to determine the 
significance of the results presented in this paper. The 
first numeric indicates the specimen and the second 
used as a subscript describes the grain in which the 
observations were made. On the other hand, for cylin- 
drical specimens, the specification starts with C 
followed by the first subscript to indicate the specimen 
number and the second to indicate the grain in which 
the observations were performed. In a few of the 
specimens, the subscript to indicate the grain is absent, 
namely l, 3, 4, 6, 8, C~, C 2 and Cs. Among these, 
specimens C~, C2 and C3 are single crystals while 1, 3, 
4, 6 and 8 are specimens wherein deformation and 
fracture within the gauge length is confined only to a 
single grain all the way up to fracture. 

In order to verify the validity of Schmid's law [30] 
in this alloy, i.e. slip or twin system corresponds to 
those with maximum resolved shear stress, the Schmid's 
factor has been calculated and shown in Table I along 
with the Schmid-Boas number of the (1 ! 2) type twin- 
ning plane [12]. The shear systems for which the 
Schmid's factor is the highest are listed along with the 
nature of the actually observed system. The letter (A) 
in parenthesis indicates the allowed twinning system 
and (F) the forbidden [12, 30]. It can be easily inferred 
from the results presented in Table I that provided the 
{1 1 0}, {1 1 2} and {3 1 2} are considered as the pos- 
sible slip planes, plastic deformation by slip and twin- 
ning in this alloy follows Schmid's law. Among the 
few exceptions, the (2 l 1) I1 I 1] slip system is observed 
only when the orientation of the tensile axis is very 
close to or on the border connecting T 1 1 and 0 1 t 
poles [18]. Similarly, the (3 1 2)[l 1 1] slip system could 

4253 



T A B  LE 1 Schmid factors of the most highly stressed {1 1 2} and {1 10} type shear systems and their correlation with those actually 
observed. The temperature of the test was 195 K except in specimens 5 and 10. The forbidden twinning systems were not observed in all 
the crystals 

Crystal System Schmid Schmid-Boas Nature of 
(tensile axis) factor number observed shear 

systems 

73 001 (I 1 2)[IT 1] 0.4714 
(1 i2)[1 1 l] 0.4714 
(T 1 2)[1 1" 1] 0.4714 

122 35(66) (1T2)[T 1 1] 0.4927 
(T T 2)[1 l 1] 0.4746 

4 12(2 2) (1 12)[1 1 1] 0.4941 
(T T 2)[1 1 1] 0.4767 
(1 1 2 ) [ i i  11 0.4555 

53 i 3(20) (1 i 2 ) [ i  1 l] 0.4967 
(1 1 2)[1 1 11 0.4806 

8 1 5(3 3) (1 1 2)[1 1 1] 0.4947 
(1 1 2)[1 1 1] 0.4849 
(i  1 2)[1 T 1] 0.4109 

11~ i3(18)  (1 12)[l 1 1] 0.4968 
(1 1 2)[1 1 1] 0.4799 
(1 1 2)[i i 1] 0.4291 

6 749(49) (1 1 2)[1 1 1] 0.4973 
(T T 2)[1 1 11 0.4739 
(1 1 2)[I i 1] 0.4276 

C 2 36(16) ( i 0  1)[1 1 I] 0.4598 
(0 1 1)[I i 1] 0.4250 

C4~ §(1 1)(20) (T 0 1)[1 1 1] 0.4327 
113 89(10) (2 1 1)[1 l 1] 0.3704 

(i01)[1 1 11 0.3299 
121 6 6 7 ('~ 1 1)[1 1 1] 0.3409 

( i0  1)[1 1 l] 0.3070 
(0 1 1)[I i 1] 0.3070 

Cl T 1 3 (i  0 1)[1 1 11 0.4427 
(0 1 1)[TT 1] 0.4427 

c 3 3 5(1 2) (0 1 1)[T T 1] 0.4293 
(1 01)[1 11] 0.4293 

24 T 1 3 (10 1)[1 1 1] 0,4577 
(1 i 2)[1 1 1] 0,4454 
(0 1 1)[1 T 1] 0.4403 

54 T12 (T 32)[1 T 1] 0.4115 
(0 1 1)[1 T 1] 0.4024 

5~ 3 8 9 (2 1 l)[1 1 1] 0.4492 
(3 12)[1 1 1] 0.4460 

C42 T0(I 5)(18) (2 1 1)[1 1 1] 0.4427 
( i0  1)[1 1 l ]  0.4051 

55 5(1 0)(1 7) (10 I)[1 1 11 0.4773 
103 T 2 5 (1 0 1)[1 1 1] 0.4899 
3 T 3(10) (i  01)[I 1 1] 0.4899 
23 i 3 3 (2 1 1)[1 1 1] 0.4933 

(3 2 1)[1 1 1] 0.4844 
(3 1 2)[1 1 1] 0.4844 

25 T23 (3 12)[1 1 1] 0.4834 
(TO 1)[l 1 1] 0.4535 
(11 2)[i 1 I] 0.2569 

56 T25 (10 1)[1 1 1] 0.4899 
112 269 (iO 1)[1 1 11 0.4825 
142 T~(22)(3 1) (3 1 2)[1 1 1] 0.4704 
153 g(1 1)(1 6) (2 1 1)[1 1 1] 0.4674 

(T 0 l)[1 l 11 0.4567 
163 747(10) (2 1 1)[I 1 1] 0.4643 

(10 l)[1 1 11 0.4503 
72 i 8 8 (2 1 1)[1 1 1] 0.4933 

(3 1 2)[1 1 1] 0.4844 
(i  0 1)[1 1 1] 0.4272 

l T 4(1 3) ( i  0 1)[1 1 1] 0.4917 
74 T(1 2)(2 5) ( i 0  1)[1 1 1] 0.4963 

(1 0 1)[i 1 11 0.4835 
7~ 1(1 1)(1 9) (1 0 1)[1 1 I] 0.4902 

(1 0 1)[I 1 1] 0.4716 
93 [ 7(1 1) (i  0 1)[1 1 1] 0.4870 
92 2(1'0)(13) (2 1 1)[l 1 1] 0.4895 

( i0  1)[1 1 1] 0.4711 

2 Slip 
8(A) Slip 
1 Slip 
8 Slip 
7(A) Slip 
8 
7(A) Twin 
2 Twin 
8(A) Slip 
7 Slip 
8(A) Twin 
7 Twin 
1 Twin 
8(A) Slip 
7 Slip 
2(A) Slip 
8(A) Slip 
7 Twin 
2(A) Twin 

Slip 
Slip 

8(A) 

Slip 

Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Twin (after crack) 
Slip 
Slip 
Slip 

Slip 

Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Twin (after crack) 
Slip 
Slip 
Slip 

Slip 

Slip 

Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 
Slip 

Slip 

Table I continued. 
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T A B L E  I Continued 

Crystal System Schmid 
(tensile axis) factor 

Schmid-Boas Nature of 
number observed shear 

systems 

9, 1(1 0)(1 4) (2 1 1)11 1 l] 0.4746 
(i"0 1)[1 1 II 0.4742 
(~ 01)[I ] II 0.4467 

104 T35 ( i0  1)[1 1 1] 0.4899 
10~ 578 (')1 1)[1 1 1] 0.4976 

( i0  l)[1 1 1] 0.4536 
102 T(45)(56) (,2 1 1)[1 1 1] 0.4703 

( [ 0  l)[1 I 1] 0.4508 
(1 0 1)[T 1 I] 0.4437 

13 t 166 (2 1 1)[1 1 1] 0.4972 
(3 2 l)[1 1 1] 0.4883 

132 2(I 1)(1 7) ( i0  1)[1 1 11 0.4871 
14~ T47 ( i0  1)[1 1 1] 0.4948 

(1 i2)[T 1 11 0.3928 
152 [ 4 7  ( i01) [ t  1 1] 0.4948 

(1 01)[[ 1 1] 0.4454 
16~ T 5 7 (~ 1 2)[1 1 11 0.4979 
16z I 5 7  (21 1)[1 1 1] 0.4840 

(TO 1)[1 11] 0.4790 
164 i 8 8 (~ l 1)[1 1 1] 0.4933 

3 
Slip 
Slip 
Slip 

3 
Slip 

3 
Slip 
Slip 

3 Slip 
Slip 
Slip 
Slip 

8(A) Twin (after crack) 
Slip 
Slip 
Slip 

3 
Slip 

3 Slip 

not be observed in crystals 113, 12~ and 102. In order 
to compare the deformation behaviour of this alloy in 
the presence of hydrogen with that exhibited in the 
absence of  hydrogen, two specimens, namely 15 and 
16, were tested without introducing hydrogen. The 
slip systems observed in all the grains of  specimens 15 
and 16 agreed with those observed in specimens con- 
taining hydrogen for similar orientations of the tensile 
axis. Therefore, the presence of hydrogen did not 
significantly effect the deformation behaviour by slip 
at the two temperatures of the tensile test. 

A summary of  the deformation systems by slip and 
twinning observed in this alloy is shown in Fig. 2 for 
various orientations of  the tensile axis. Thus, when the 
orientation of  the tensile axis remains within any one 
of the regions in the standard triangle, the slip or twin 
systems mentioned therein are observed with a few 
exceptions noted previously. That plastic deformation 
by slip in general takes place on high index planes can 
be inferred from the O-X curve shown in Fig. 3. A 
definition of  ~ and Z can be found in reference [18]. 
For a stress axis within the 0 0 1-0 1 1-1 1 1 unit tri- 

angle, with the primary slip direction [1 1 1], Z is the 
angle between [TO 1] and the normal to the plane of  
maximum resolved shear stress, and ~ is the angle 
between [TO 1] and the observed slip plane normal. 
Briefly, asymmetry of slip may be deduced from the 
~b(Z) curves. If there is no asymmetry, ~ ( - Z ) =  

- O(Z); ~ = 0 for all Z which means (TO 1) slip only; 
= 30 ° f o r z  > 0 a n d ~  = - 3 0  ° f o r z  < 0which 

means {1 12} slip only, and 0 = Z for all Z which 
represents slip on maximum resolved shear stress 
planes. On the other hand, when asymmetry is 
present, it is consistent with a dependence solely on 
the sense of the {1 1 2} shear only if ~(X) in tension 
equals - ~ ( -  X) in compression. It can be concluded 
from the above brief comments found in [181] that slip 
in this alloy is asymmetric and depends on the sense of 
{1 1 2} shear. The latter conclusion can be reached by 
comparing the results of Fig. 3 with the results pre- 
sented in [18] (Fig. 10) wherein the ~(Z) curve is drawn 
for a niobium-5 at % molybdenum alloy tested under 
compression at 295 K. The recent experimental work 
by the author (results to be published) has shown that 

00~ 

(TOI) and (Oil) slip / ( ~ " ~  ~ (312),{321) ond (211) 
slip 

{112} slip or twins (TO1) and (10]) slip 

Figure 2 A schematic illustration of the sIip 
or twin systems observed in the niobium-rich 
niobium--vanadium alloy containing hydrogen in 
solid solution, 
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Figure 3 0(Z) curve drawn from the observed slip systems in the 
niobium 10 at % vanadium alloy deformed in tension. See [18] for 
the definition of 0 and Z. (o) 195 K hydrogen, (A) 295 K hydrogen, 
(11) 195 K no hydrogen. 

the plastic deformation behaviour by slip of a niobium- 
10 at % vanadium alloy is similar to that exhibited by 
a niobium-10 at % molybdenum alloy. It is also clear 
from the results shown in Fig. 3 that the presence of 
hydrogen has not significantly changed the ~()0 
curves. Thus the data points corresponding to the 
specimens without hydrogen are found to remain 
close to the results applicable to other specimens with 
hydrogen. 

It is now useful to consider the origin of defor- 
mation twins observed in this alloy. Ideally, at suf- 
ficiently low temperatures and as a function of alloying, 
twinning as the deformation behaviour is favourable 
for the orientation of the tensile axis close to the 0 0 1 
pole. However, it can be inferred from Fig. 2 and from 
the results presented in Table I, that the observed 
deformation behaviour is not entirely by twinning 
except in Specimen 4 where twinning is associated 
with a (00 1) cleavage crack. The engineering stress 
against strain curve for Specimen 4 is shown in Fig. 1. 
Deformation twinning observed in all crystals of this 
alloy is associated with cracks formed in specimens 
tested only at 195 K. First, it is important to clarify if 
hydrogen is responsible for the observed deformation 
twins. Second, it is necessary to know if the twins are 
responsible for the nucleation of cracks or vice versa. 

A reference to vacuum fusion analysis of the 
samples for hydrogen, oxygen and nitrogen men- 
tioned earlier does not lead to the conclusion that 
either higher or lower amounts of hydrogen were 
responsible for twinning. Thus, for example, Crystals 
4 and 6 did not contain as much hydrogen as Crystals 
l l i and 122 but still exhibited twinning. Similarly, if it 
were the smaller quantities of oxygen [6], this is cer- 
tainly not true in Specimen 8 where the largest amount 
of oxygen in this series was found but deformation 
twinning is observed. The twins observed in other 
specimens tested at 195 K such as 14~, 25 and 24 are 
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also associated with the presence of cracks. The 
fractographic observations of the fracture behaviour 
of this alloy will now be presented to determine the 
relationship between twins and nucleation of cracks 
and also the general fracture behaviour of this alloy. 

The traces of twins on the two parallel surfaces of 
Specimen 4 shown in Figs 4a and b illustrates that the 
set of twins observed on one side of the crack is not 
present on the other side (see Fig. 4a), whereas a 
different set of twins is seen indicating that the crack 
has formed before the twins. This observation is also 
partially in concurrence for the two twin traces 
observed in Fig. 4b. It is possible that the two sets of 
twins are the non-crossing type and that one set of 
twins has formed before the other. However, twins 
seen in Crystals 4, 6 and 8 with tensile axis close to the 
0 0 1 pole are observed only in the presence of a (0 0 1) 
crack. A few other crystals, 73, 11~ and 122 with 
orientation of the tensile axis close to the 00 1 pole 
have not deformed by twinning. In order to further 
prove that twins are not responsible for the nucleation 
of cracks, a numerical analysis based on discrete dis- 
location modelling of cracks and twins is presented in 
the discussion of the results. Furthermore, twinning as 
the deformation behaviour may be expected only at 
much lower temperatures, close to 77 K and below in 
this alloy. 

Fig. 5 illustrates the plastic deformation due to 
stress concentration associated with the terminating 
twins which propagated from the crack surface 
[33-35]. Similarly, Fig. 6 illustrates twins which are 
situated opposite to each other before terminating 
and coalescing to form plastically deformed regions 
parallel to twin orientation in between [36]. These 
metallographic features illustrate that twinning in this 
material is similar to deformation twinning in other 
systems including other niobium-vanadium alloys. 
Similar observations of twins associated with a (0 0 1) 
cleavage crack are also made in Specimens 6 and 8. 
The scanning electron microscopic observations of 
one of the fracture surfaces of Specimen 4 shown in 
Fig. 6 illustrate the formation of both the twin traces 
on the fracture surface except at one corner where 
twin traces are absent. This evidence suggests that the 
cleavage crack has nucleated in this region and 
propagated with the formation of twins on either side 
in the manner originally proposed by Orowan [37]. 
Using electron channeling, it has been shown qualita- 
tively by the author that plastic deformation is con- 
fined to a few micrometers on either side of the crack 
surface. 

In addition to the (0 0 1) type cleavage, cracks along 
{l 12} and {1 10} type planes are also observed in 
this alloy crystals in the presence of hydrogen. Thus, 
crystal 73 which deformed by slip failed by cracks 
along the (T 1 2) slip planes, as shown in Fig. 7. The 
crack planes are stressed in combined tension and 
shear and not in pure tension. Apparently, these 
mixed mode cracks are formed along the slip planes as 
a result of a large accumulation of hydrogen atoms at 
the stress concentration of deformed regions asso- 
ciated with slip bands causing easy separation of 
atomic planes. The displacements perpendicular to the 



Figure 4 (a) Optical micrograph showing the 
traces of a crack parallel to a (00 I) plane and two 
intersecting twins paralleI to (112) planes on the 
surface in a single crystal of Specimen 4. The 
Schmid-Boas numbers of the twins are 2 and 7. 
(Magnification: 48 x). (b) Optical micrograph 
showing the traces of a crack parallel to a (001) 
plane and two intersecting twins parallel to (112) 
planes on the second surface opposite to that in 
Fig. 4a. (Magnification: 48 x ). 

crack faces provide the free surface for adsorption of 
hydrogen atoms [38, 39] which in turn leads to easier 
propagation ofmicrocracks. Of these, a few cracks are 
seen in Fig. 7 to be stopped by the grain boundary but 
two of the cracks propagated across. The cracks con- 
tinued to be in shear in the adjacent grains where the 
cracks propagated along the (1 1 0) type slip planes. 
Similar behaviour is observed in Crystal 122, where a 
tensile crack initially propagated along the (001) 
plane but changed into a mixed mode crack close to 
the (1 T 2) plane without the necessity to nucleate twins 
to relieve stress concentration. 

An example of cracks parallel to the (TO 1) slip 
planes is shown in Fig. 8. These mixed mode cracks 
parallel to the (10 1) slip plane are formed as a result 
of coalescence of several microcracks that are inclined 
to the major crack, as shown in Fig. 9. The plastic 
deformation associated with the cracks nucleated 
along either the {1 12} or {1 01} type slip planes is 
sufficiently large to prevent catastrophic brittle frac- 

ture. There is enough experimental evidence [40] to 
suggest that dislocation cell walls formed in the 
deformed regions of the slip bands become the nuclea- 
tion centres for cracks. 

Figs 10a and b illustrate the grain boundary triple 
point on two opposite and parallel faces wherein frac- 
ture initiated in Specimen 2. In these figures, Crystal 
2 4 is on the left hand side while Crystal 25 is on the top 
right hand side in Fig. 10a and on the bottom right 
side in Fig. 10b. The Crystal 24 failed by a mixed mode 
(00 1) crack. On the other hand, the crack in Crystal 
25 propagated along (T12) in Fig. 10b while it 
propagated along the ( i01)  slip plane in Fig. 10a. 
Thus, there was a step formed on the crack surface 
between the opposite faces of the specimen. The (i ! 2) 
type crack is more tensile oriented than the mixed 
mode (TO 1) crack which nucleated at the grain- 
boundary triple point. In Specimen 14, both an inter- 
granular crack (Fig. l l )  and a transgranular crack 
(Fig. 12) are observed. However, only the (0 0 1) mixed 
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Figure 5 (a) Optical micrograph showing the 
plastic deformation associated with (112) type 
twins terminating in Crystal 4. The twins are 
intersecting a (001) crack surface. (Magnifi- 
cation: 1280 x ). (b) Optical micrograph showing 
the plastic deformation associated with two (112) 
type twins terminating in Crystal 4 opposite to 
each other. (Magnification: 2000 x ). 

mode transgranular crack propagated suggesting that 
the grain boundaries are relatively stronger in this 
alloy, a result which will be useful to explain the large 
ductility exhibited by this alloy. The formation of an 
intergranular crack shown in Fig. 11 is the only 
observation of such type in several crystals of this 
alloy deformed in tension. Both Specimens 2 and 14 
showed fracture across a grain-boundary triple point 
where a crack could be nucleated due to the absence 
of sufficient number of slip systems needed to main- 
tain the continuity of the material. 

A summary of the observed crack planes in this 
alloy in the presence of hydrogen is shown in Table II. 
In addition to cracks observed along the (0 0 1) cleav- 
age, the {1 1 2} and the { 1 0 1} type slip planes, there 
are cracks observed along {112} and {1 0 1} type 
planes on which no slip is observed. However, the 
normal component of stress responsible for cracks on 
these planes, estimated from the orientation of the 
tensile axis, is found to be fairly high. Apparently, 
while the nucleation mechanism [41-43] of the (0 0 1) 
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cleavage cracks by the combination of dislocations in 
the form 

a [ l l i ] / 2  + a [ l i 1 ] /2  = a[100] (I) 

where a is the lattice parameter, can be invoked, such 
a mechanism while possible in Crystals Cl and C3 has 
not been responsible for any (0 0 1) cracks. Presum- 
ably, this result arises due to the smaller component of 
applied stress that is unable to open the crack faces by 
coalescence of the dislocations with Burgers vector of 
a[00 1] type which are prevented from further move- 
ment in the lattice. 

It is important at this point to mention the effect of 
an additional electrolytic polishing step after charging 
with hydrogen. Therefore higher concentrations of 
hydrogen adsorbed locally at the free surface are 
removed. Specimens 2, 3, 13 and 14 which were mech- 
anically and electrolytically polished after charging 
with hydrogen showed extensive deformation except 
Specimen 13 in which an intergranular crack devel- 
oped near the pin hole. Specimens 4, 6 and 8 could be 



Figure 6 Scanning electron microscopic observations of the fracture surface of the (001)  crack showing the two twin traces and the 
transgranular cleavage in Specimen 4, The arrow points to the region where nucleation of the crack has been identified. (Magnification: 56 x ). 

set aside because of their specific orientation favour- 
able for a (0 0 1) cleavage and thus can not exhibit any 
plastic deformation. On the other hand, it has been 
found that the total strain before fracture in Speci- 
mens 2, 3 and 14 is larger by about 10 to 15% com- 
pared to the total strain in other specimens. This 
difference in elongation is attributed to the removal of 
the surface layers containing higher hydrogen con- 
centration. The author believes that early formation 
of cell structure in the presence of a high concentra- 
tion of hydrogen near the surface is responsible for the 
nucleation of cracks. 

Several polycrystalline small grain size samples 
designed for pin loading were prepared following the 
same procedure mentioned earlier and were charged 
with 200, 400 and 600p.p.m. wt hydrogen. Metallo- 
graphic examination of the specimens tested in tension 
at three temperatures, namely 77, 195 and 295K 
revealed the presence of no deformation twinning 
prior to fracture. The embrittled fracture surface of a 
specimen charged with a nominal 600p.p.m. wt hyd- 
rogen and tested in tension at 195 K is examined in 
the secondary electron emission method in the scan- 
ning electron microscope. The result shown in Fig. l 3 
illustrates again the absence of intergranular fracture. 

However, the twins observed in the same specimen 
remain very close to the path of the crack, as seen in 
the optical micrograph shown in Fig. 14. 

4. Discussion 
Tile results of experiments on single crystals and 
polycrystals of large grain size of the niobium-rich 
vanadium alloy indicate that provided the {t12}, 
{1 0 1} and {3 2 l} planes are considered as the possible 
slip planes, Schmid's law is very much followed, 
namely slip or twinning on maximum resolved shear 
stress planes is observed with the exception that (2 1 1) 
[1 I 1] slip system is present only when the orientation 
of the tensile axis is either on the T I 1-0 1 t border or 
very close to it. Similarly, slip on (32 l) or (3 2 1) 
planes appears only at room temperature for crystals 
with orientation close to i 1 1 pole. Further, both the 
( i01)  and (101) slip planes are observed in the 
presence of hydrogen only when the orientation is 
close to the 00 1-0 1 1 border. On the other hand, 
both these slip systems are observed for orientations 
away from the border also in the absence of hydrogen. 
Thus, there is no significant effect of hydrogen on the 
crystallographic deformation behaviour of this aIloy. 

Plastic deformation by slip in this alloy in general 

T A B L E  II  Crystals where cleavage on (00 I) plane by combination of a[l  11]/2 dislocations or where crack formation on (I t 0) or 
(112) type plane along deformation bands is possible shown with the actually observed crack plane 

Crystal Is (00 I) Is there a Observed Mode of applied 
cleavage deformation plane of stress 
possible? band on the the crack 

crack plane? 

4 yes no (001) Tension 
6 yes no (001 ) Tension 
8 yes no (001)  Tension 

122 no yes (11 2) Tension and shear 
l 22 yes no (00 l) Tension 
73 yes yes (t  12) Tension and shear 

C I yes no (T 12) Tension 
C3 yes yes (011) Tension and shear 
C42 no no (T 12) Tension 

2 4 yes no (00 t) Tension and shear 
25 no yes ( i 0  l) Tension and shear 
2 5 no no (1" 1 2) Tension and shear 

112 no no (01 l) Tension and shear 
141 no no (00 l) Tension and shear 

1 no yes (T 01) Tension and shear 
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Figure 7 Optical micrograph 
showing cracks parallel to a 
(1 1 2) type plane in the upper 
grain 73 and parallel to a (1 10) 
type plane in the lower grain 71 in 
Specimen 7. (Magnification: 
24 x). 

appears to be on high index planes in concurrence 
with the observations on other bcc metals and alloys 
[19]. Thus O(Z) curves are considered as a better rep- 
resentation of the deformation behaviour of this alloy. 
The results shown in the form of a O00 curve illu- 
strated the presence of asymmetry as well as the 
dependence on the sense of {1 1 2} shear. 

The fracture behaviour of this alloy with hydrogen 
is complex in the sense that in addition to the (00 1) 
cleavage observed in all bcc metals and alloys, both 
the (1 1 2) and (1 10) type crack planes are also 
observed. It is clear from the results presented in Table 
II that crack formation in the presence of hydrogen 
can be reasoned in terms of three or four simple 
mechanisms. Thus, when dislocations of suitable 
Burgers vector combine to form dislocations with 
Burgers vector a[0 0 1], and the component of normal 
stress on the (0 0 1) crack planes is high, the familiar 
Stroh or Cottrell mechanism [41, 42] explains the 
formation of cracks. On the other hand, when a com- 
bination of normal and shear stress components is 

acting on the slip planes, accumulation of hydrogen 
along cell walls formed parallel to the severely defor- 
med regions explains the crack formation. Crack 
nucleation at triple point grain-boundary junctions 
due to the absence of sufficient number of slip systems 
is yet another mechanism that explains certain results 
shown in Table II namely in Specimens 25 and 141. 
Finally, the mechanism involving microslip or for- 
mation of cell structure along close packed planes 
which are not the operating slip planes and thus giving 
rise to a stress concentration that can lead locally to a 
higher hydrogen concentration and attendant crack 
nucleation appears to explain the other types of cracks 
illustrated in Table II, namely in specimens C1 and 
C42. In particular, it is found that a higher value of the 
normal component of applied stress helps this mech- 
anism of crack nucleation. 

At this point, it is useful to analyse the nucleation of 
twins and cracks in this alloy in the presence of 
hydrogen. In particular, the energy associated with the 
nucleation of a twin lamalla is calculated to determine 

Figure 8 Transgranular cleavage cracks parallel 
to the ( i0 1) slip planes terminating at a grain 
boundary in Specimen 1. (Magnification: 150 x ). 
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Figure 9 Scanning electron micrograph showing the coalescence of several microcracks to form a major crack parailei to the slip plane in 
Specimen 1. (Magnification: 200 × ). 

Figure 10 (a) Optical micrograph showing a 
crack nucleated along a grain boundary at the 
triple point but propagated transgranularly in 
Specimen 2. Crystal 24 is on the left hand side 
while Crystal 2 s is on the top right and Crystal 23 
is on the bot tom right. (Magnification: 96 x ). (b) 
Optical micrograph showing a crack nucleated 
along a grain boundary at the triple point but 
propagated transgranularly in Specimen 2. Same 
as Fig. 10a but the opposite parallel surface is 
shown. Crystal 24 is on the left hand side while 
Crystal 25 is on the bot tom right and Crystal 23 is 
on the top right. (Magnification: 96 x ). 
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Figure 11 A crack along a grain boundary which 
did not propagate to fracture in Specimen 14. 
(Magnification: 120 x ). 

the critical size of the twin that can grow with decreas- 
ing energy under the action of the applied stress. The 
purpose of the present calculations is to show that the 
activation energy for the nucleation of twins is suf- 
ficiently high that only a stress concentration due to a 
crack or an array of straight lattice dislocations under 
high lattice frictional stress can be responsible for 
twinning. The twin lamella is modelled as shown in 
Fig. 15 where the twinning dislocation loops with 
Burgers vector bt = a[1 1 1]/6 move on the (1 1 2) 
type twinning planes with the interplanar distance 
given by a[1 1 2]/6 and a = 0.33007nm. The com- 
ponent of applied stress acting on the twinning dis- 
locations becomes r = 0.4714~ where a, is the tensile 
stress acting in the [00 1] direction and the Schmid's 
factor, m -- 0.4714 shown in Table I is used. In par- 
ticular, the total energy of the configuration of the 
twin lamella is given by 

ET = Ee + E,/T (2) 

In the above Ee is the elastic energy released in the 

formation of the twin, E~T the twin boundary energy 
given by 2~rR2yT, where R 0 is the size of the twin 
lamella and 7T the twin boundary energy per unit area. 
On the other hand, the elastic energy associated with 
the twin is 

Ee = Es + El -- Ew + EF (3) 

where E s is the self energy, E~ the interaction energy, 
Ev the work done against the frictional stress and Ew 
the work done by the applied stress, all associated with 
the twinning dislocations. The expressions for Es and 
E~ are readily available [44]. On the other hand, Ew is 
given by 

Ew = 2re ~ (R~ - b~)rbt (4) 
i = 1  

while E F is obtained by replacing r by zf in Equation 4. 
In order to determine the equilibrium configuration of 
the twin, the energy Ee is minimized with respect to the 
positions of the twin dislocations. The number of 
twinning dislocations is incremented in the minimiza- 

Figure 12 A transgranular cleavage crack 
nucleated at the grain boundary triple point but 
propagated along the (00 1) plane in Crystal 14~ 
in Specimen 14. (Magnification 37.5 x ). 
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Figure 13 Scannning electron micrograph showing the transgranular cleavage fracture surface of a small grain size poIycrystalline specimen 
with a nominal 600 p.p.m, wt hydrogen tested at 77 K. 

tion as long as the total energy, Ee decreases for a 
given size of  the twin. The details of  the minimization 
program are provided in detail elsewhere [45]. After 
the energy of the twin for an initial size is determined, 
in the next step, the size is incremented and the energy 
determined again. Finally, when the total energy 
reaches a maximum and decreases with further incre- 
ment of twin size, R0 the Griffith configuration of the 
twin is obtained. The Griffith configuration of size, RT 
corresponds to the metastable situation above which 
the twin propagates continuously with decreasing 
energy and below which it contracts to zero size. All 
numerical calculations presented in this paper were 
carried out on the Digital Vax 780 system using the 
elastic constants which correspond to the n iobium- 
10a t% vanadium alloy. In order to arrive at the 
elastic constants of  this alloy and in the absence of 
available data, a linear variation between that of  
the pure components is assumed. Thus, the shear 
modulus, G = 4.037 x 104MPa and the Poisson's 
ratio, v = 0.388 have been used while the twin bound- 
ary energy, 7~ = 100ergscm -2 is employed in the 
numerical calculations. An experimental estimation of  
the twin boundary energy, 7T is hitherto not available 
for this alloy. The applied stress which corresponds to 
that observed in Specimen 4 namely o- a = 346.5 MPa 
has been used which gives z = maa = 163.3MPa 
while rf has been varied [45] from zero to 86.6 MPa. 
Thus the presence of increasing amounts of hydrogen 
which raises the yield stress in the material [20], also 
increases frictional stress, rf to movement of disloca- 
tions preventing slip and thereby presumably indu- 
ces twinning to be the deformation behaviour. The 
influence of hydrogen on deformation twinning can be 
determined with the above parameters used in the 
numerical calculations and the size of  the Griffith 
configuration R T determined. 

The results of  numerical calculations are shown in 
Table III where the energy terms contributing to the 
total energy, ET are listed as a function of ~f. In the 
consideration of  the equilibrium of the configuration 
of the twin, it is possible to develop the constitutive 
energy equations [45] which relate the various energy 
terms in Table III; namely 

Es + Ej = ( E w -  EF)/2 (5) 

so that 

E e = - ( E  W - E F ) / 2  (6) 

a result which is verified within the accuracy of  the 
discrete dislocation analysis. The size of the Griffith 
configuration of  the twin above which the twin 
propagates with decreasing total energy, ET is shown 
in Fig. 16 as a function of the frictional stress, rr. Also 
shown in Fig. 16 as a function of  ?s is the size of  the 
Griffith configuration of an elastic circular crack, Rc 
which can propagate in a brittle manner; given by [46] 

R c  = ~GTs/~a~(1 - v) (7) 

where 7s is the free surface energy. The adsorption of 
hydrogen atoms on the crack surfaces reduces the 
surface energy [38, 39] thus reducing the size of the 
Griffith crack, R c. The critical size of  the twin, Rr is 
seen to increase with increasing zf illustrating that 
both slip and deformation twinning are suppressed in 
the same manner. On the other hand, the critical size 
of the Griffith crack, Rc decreases whereas that of the 
twin, RT increases with increasing concentration of 
hydrogen in solid solution. In the absence of slip, 
deformation twinning becomes inevitable if work 
done by the applied stress reaches a value at which the 
activation energy is reduced to a negligible value. The 
results of Fig. 16 also illustrate that twinning can not 
be observed in the polycrystalline fine grain size alloy 

Figure 14 Optical micrograph showing the transgranular path followed by a secondary crack parallel to the fractured surface in a small grain 
size polycrystalline specimen with a nominal 600 p.p.m, wt hydrogen tested at 77 K. 
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Figure 15 A schematic illustration of the dislocation 
model used to represent a twin lamalla at the Griffith 

configuration of size, R v. The two dislocations of 
opposite sign on the twinning planes represent circular 
dislocation loops with Burgers vector bt. 

in the presence of hydrogen unless the grain size is 
larger than the critical size of the twin, a result experi- 
mentally verified [6-8, 10], in particular since RT is 
already shown to be a function of zf or the hydrogen 
concentration. 

The activation energy required to nucleate a stable 
twin, RT shown in Fig. 17 increases as a function of zf 
making twinning a difficult process of deformation. 
However, the activation energy is strongly dependent 
on the stress field of interaction and thus for this 
reason, stress concentration due to microslip has been 
invoked earlier in the literature [47]. Thus, in the 
presence of stress concentration due to straight dis- 
locations formed during microslip, the activation 
energy required for twinning is reduced so that 
deformation twinning becomes possible. At the same 
time, experimental observations illustrate that prior 
straining at a higher temperature reduces the tendency 
for twinning during subsequent deformation at a 
lower temperature [48]. Therefore, only microslip 
which indicates strains much smaller than can sup- 
press twinning is considered responsible for stress 
concentration that reduces the activation energy [47]. 
It is believed that introduction of a more uniform 
dislocation substructure suppresses twinning [49] but 
straight dislocation arrays formed during the regime 
of microslip provide enough stress concentration so 
that the activation energy required for twinning is 
reduced. 

An additional parameter on which the critical size, 
R T and the activation energy, Ex are strongly depen- 

dent is the twin boundary energy, 7T which usually 
decreases with the addition of alloying elements. In 
order to determine the effect of hydrogen on the stack- 
ing fault energy and thus the twin boundary energy, 
the dislocation substructures developed in this alloy 
are examined at different wt % of hydrogen. Whereas 
the results are to be presented subsequently, there is 
no evidence to suggest that hydrogen in solution 
reduces, 7+ to a value at which twinning becomes 
possible. On the other hand, the presence of straight 
dislocations parallel to each other indicates a high 
value of zf, and also the development of stress con- 
centration necessary for twinning. Thus far, the above 
experimental results and computer modelling lead to 
the conclusion that twinning observed in this alloy 
at 195K is a result of a high stress concentration 
developed at the tip of a cleavage crack formed in the 
presence of hydrogen. A fast propagating cleavage 
crack requires a high strain rate deformation at the tip 
which can be accommodated by deformation twinning. 
On the other hand, the stress concentration due 
to arrays of straight dislocations in the regime of 
microslip is responsible for twinning at much lower 
temperatures, namely 77 K. 

It is now useful to turn our attention to trans- 
granular against intergranular crack formation in this 
alloy in the presence of hydrogen in solid solution. 
Two experimentally established results will be used 
in understanding this phenomenon. Firstly, adding 
vanadium to niobium rapidly increases the solubility 
of hydrogen supposedly by the trapping of hydrogen 

T A B L E  I I I  Energy contributions associated with the total energy of a nucleated twin lamella at the Griffith configuration as a 

function of frictional stress, zf. The applied stress, a a = 346.5 MPa, the orientation factor, m = 0.4714 and the twin boundary energy, 
~/v = 100erg cm-2. The energy terms are in given units of I0-6ergs 

zf(MPa) 

0 21.65 43.30 64.95 86.60 

R T (A) 3,000 3,400 6,000 8,400 12,600 
E s 0.0788 0.0989 0.2333 0.4229 0.8094 
E L 0.3082 0.4136 1.1910 2.6420 6.0990 
E s + E I 0.3870 0.5125 1.4243 3.0649 6.9084 
E w 0.7892 1.0940 4.2710 10.3700 28.4900 
E v 0 0.1161 1.3590 4.4020 15.1100 

(E w - EF)/2 0.3946 0.4890 1.4560 2.9840 6.6900 
E e -- 0.4022 -- 0.4599 -- 1.4880 -- 2.9110 6.4800 
Err 0.5657 0.7266 2.2630 4.4350 9.9792 

E t 0.1635 0.2607 0.7750 1.5240 3.4992 
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Figure 16 The Griff i th size of  a 
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t ion  of  the fr ic t ional  stress, yr. 
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to vanadium atoms [50] and in addition the grain- 
boundary surface energy decreases with increasing 
adsorption of hydrogen on the grain boundary sur- 
faces [38]. Secondly, intergranular cracks are easily 
nucleated in higher vanadium alloys and very rarely 
observed in niobium-rich alloys. A close analogy with 
grain-boundary embrittlement in ordered alloys is 
thought useful [51, 52]. Let us for instance imagine the 
atomic 50Nb-50V alloy as consisting of perfectly 
arranged niobium and vanadium atoms represented 
by A and B atoms respectively at the grain boundary 
similar to that in an ordered alloy (see the grain 
boundary structure illustrated in [51]). It is clear that 
with the trapping of hydrogen to vanadium atoms, the 
nature of the bonds is disturbed severely at a few 
positions along the grain boundary. In addition, the 
adsorption of hydrogen at the grain-boundary sur- 
faces is more effective as a result of trapping of hydro- 
gen to vanadium atoms. While in a disordered alloy, 
the regular arrangement of atoms similar to that in an 
ordered alloy is absent, the weakening of the grain 
boundary for the above mentioned reasons is very 
effective. Thus, intergranular crack nucleation is very 
much easier in higher vanadium alloys due to the 
larger number of vanadium atoms at the grain boun- 
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Figure 17 The ac t iva t ion  energy, E T assoc ia ted  wi th  a twin  l amal la  
shown as a funct ion  of  the f r ic t ional  stress, r r. G = 346.5 M P a ,  
m = 0.4714, ~/X -- 100erg s cm-2 .  

dary [10]. Very few grain-boundary cracks have been 
observed in niobium-rich alloys for the same reason. 
This result also explains the higher ductility of the 
present niobium-rich alloy. 

5. C o n c l u s i o n s  
The deformation and fracture behaviour of hydrogen 
embrittled niobium-rich vanadium alloy studied in 
tension using single crystals and large grain size poly- 
crystals at 195 and 295K resulted in the following 
conclusions. 

1. Schmid's law, i.e. slip or twinning on planes with 
maximum resolved shear stress has been found to be 
followed in the nature of deformation of this alloy 
crystals in the presence of hydrogen with a few excep- 
tions. The presence of hydrogen in solid solution has 
no significant effect on the deformation behaviour of 
single crystals. 

2. Twinning observed with hydrogen in solid solu- 
tion of this alloy at 195K is a result of stress con- 
centration around the crack tip. 

3. Crack nucleation in this alloy has been identified 
under the following four mechanisms; (a) the familiar 
Stroh or Cottrell mechanism of(0 0 1) cleavage, (b) the 
nucleation of cracks along deformation bands or cell 
walls formed along the slip planes, (c) the nucleation 
of cracks in the regions of stress concentration due to 
microslip and (d) the nucleation of cracks at the grain- 
boundary triple points due to absence of sufficient 
number of slip systems. The cracks remained mostly 
close to the {0 0 1} or {1 1 2} or {1 1 0} type planes. On 
the other hand, the plastic deformation associated 
with cracks on the {001 } planes is much smaller 
than that associated with cracks on {l 1 0} or {1 1 2} 
planes. 

4. The trapping of hydrogen by vanadium to increase 
adsorption and the development of severely distorted 
bonds across grain boundary surfaces is used to 
explain the tendency for nucleation of intergranular 
cracks in the higher vanadium alloys. On the other 
hand, the higher ductility of niobium-rich alloys is 
considered to be the result of the absence of the above 
mechanisms of grain-boundary weakening. 
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